The prospect of extending natural biological design to develop new synthetic ceramicmetal composite materials is examined. Using ice-templating of ceramic suspensions and subsequent metal infiltration, we demonstrate that the concept of ordered hierarchical design can be applied to create fine-scale laminated ceramic -metal (bulk) composites that are inexpensive, lightweight and display exceptional damage-tolerance properties. Specifically, Al 2 O 3 /Al -Si laminates with ceramic contents up to approximately 40 vol% and with lamellae thicknesses down to 10 mm were processed and characterized. These structures achieve an excellent fracture toughness of 40 MPa p m at a tensile strength of approximately 300 MPa. Salient toughening mechanisms are described together with further toughening strategies.
INTRODUCTION
Advances in diverse fields such as aerospace, buildings, transportation and energy require the development of new, high-performance structural materials. In many respects, ceramic -metal composites are ideal candidates. In particular, ceramic-matrix composites (CMCs) are strong, reasonably tough, environmentally stable, lightweight and have the ability to withstand high operating temperatures. Potential applications under development include components for armour, nuclear energy, aerospace and automobiles. Unfortunately, few of these applications have yet to reach commercialization, mostly because of the high cost of these materials and difficulties in their processing (Rosso 2006) .
Mechanistically, the concept of ductile-phase toughening of brittle materials (Krstic et al. 1981; Sigl et al. 1988) has been widely used in composites with different ductile reinforcement morphologies, such as particles, fibres and laminates. However, for the same volume fraction of ductile reinforcing phase, the ductile phase in laminate form has the maximum toughening efficiency, followed (in order of potency) by fibre and particulate morphologies (Rao et al. 1992; Soboyejo et al. 1996) . Specifically, the concept of laminating various metals and alloys resulting in composites that exploit the unique properties of the constituent materials has been known for a long time (Leichter 1966) , and has been embraced as a potential new engineering concept (Lesuer et al. 1996) . Over the past two decades, a number of diverse brittle ceramics and intermetallics have been toughened with various ductile metal laminates Bannister & Ashby 1991; Cao & Evans 1991; Odette et al. 1992; Shaw et al. 1993; Alman et al. 1995; Huang & Zhang 1995; Heathcote et al. 1996; McNaney et al. 1996; Rawers & Perry 1996; Soboyejo et al. 1996; Bloyer et al. 1998; Enoki et al. 1999; Fox & Ghosh 1999; Hwu & Derby 1999a,b; Rohatgi et al. 2003) . A number of these laminate systems were originally conceived and developed with the aim of increasing crack-propagation resistance in brittle components used for high-temperature applications.
Unfortunately, although there are exceptions, strength and toughness tend to be mutually exclusive in these materials and the achievement of optimal mechanical performance in such structural engineering composites is invariably a compromise ). The factors affecting the mechanical response of CMCs have been widely investigated; they include the interfacial adhesion between phases that determines the extent of constraint on the ductile inclusions by the stiff brittle phase (Ashby et al. 1989; Cao et al. 1989; Deve et al. 1990; Deve & Maloney 1991) , as well as the effect of reinforcement morphology (shape and size), volume fraction and distribution (Rao et al. 1992 (Rao et al. , 1994 Bloyer et al. 1998) . Consequently, the design of tough materials relies heavily on the control of the material properties and microstructural components at multiple length scales in order to influence the toughening behaviour by optimizing the contributions from both the reinforcing phase and matrix (Becher 1991) . One approach is to heed the example of Nature that creates hierarchical hybrid materials such as nacre or bone that, in view of what they are made of, display remarkable properties. These structural biological materials are sophisticated hierarchical composites based on brittle minerals and ductile polymers, which can exhibit mechanical properties that are far beyond those that can be achieved using the same synthetic compounds (Meyers et al. 2008a) . In particular, the principles of biologically controlled self-assembly in seashells have generated much recent interest (Jackson et al. 1988; Kamat et al. 2000; Evans et al. 2001; Wang et al. 2001; Rubner 2003; Mayer 2005) ; indeed, it has been suggested that their sophisticated structures can offer guidelines for the development of new generations of structural materials (Ortiz & Boyce 2008; Aizenberg & Fratzl 2009 ).
The creation of artificial Nature-inspired materials with intricate, hierarchical architectures is a challenge that requires both the design of optimum microstructures and the development of fabrication procedures to implement these designs (Espinosa et al. 2009 ). However, conventional processing techniques (e.g. slip/ tape-casting combined with hot-pressing, reaction sintering, chemical vapour infiltration, etc.) cannot provide the degree of microstructural control needed to manipulate and optimize the mechanical response of the material. Clegg et al. (1990) first developed large-scale nacre-like composites using SiC ceramic tablets coated with graphite to provide weak 'glue' interfaces in order to overcome the brittleness of the ceramic. Although increases in toughness and work of fracture by, respectively, factors of 5 and 100 over monolithic SiC were reported, the toughening achieved by the crack deflection in these macroscopic layered composites was quite limited compared with that seen in the natural composites. Later attempts to develop new nacre-like materials have been usually limited to a few thick (approx. 200 mm) ceramic layers, approaches that are not appropriate for building synthetic materials with practical sizes. Recently, there have been several outstanding examples of biomimetic organic/inorganic materials fabricated by layer-by-layer deposition (He et al. 1997; Kato 2000; Tang et al. 2003; Podsiadlo et al. 2007; Wei et al. 2007; Bonderer et al. 2008) , selfassembly (Sellinger et al. 1998; Hartgerink et al. 2001) and thin-film deposition (Chen et al. 2007 ). However, these are invariably limited to thin films or microscopic samples. Largely because of these difficulties in processing, the field of biomimicry has to date generated few new practical bulk structural materials.
The key challenge is to find 'top-down' fabrication approaches for the development of metal -ceramic structural materials that both are inexpensive and display unprecedented damage-tolerant (strength and toughness) properties. Recently, a new class of bioinspired ceramic-based materials have been developed (Deville et al. 2006; Munch et al. 2008) by controlled freezing of ceramic-based suspensions in water, termed 'ice-templating' or freeze-casting (Deville et al. 2006) ; this technique provides a means to mimic natural structural designs over several length scales. The approach uses the freezing properties of water to make ice/ceramic powder suspensions; when the water is sublimed out, the remaining ceramic scaffold represents the 'negative' of the ice structure. Using this technique, Munch et al. (2008) developed a series of bulk ceramic -polymer hybrid materials based on the 'lubricant phase' design concept. The ideal, mimicked from Nature, is to use a hard material (e.g. the ceramic) to provide for strength while using a second (non-loadbearing) ductile phase that acts like a lubricant to permit limited sliding between the ceramic 'bricks' or 'layers' to relieve high stresses (Munch et al. 2008; ). Although different in physical form, the 'lubricant phase' serves the same function as dislocations ( plastic deformation) in metals, microcracking in bone or rocks, or crazing in polymers.
In the current study, we use such ice-templating to fabricate bulk ceramic -metal (Al 2 O 3 /Al -Si) layered composites with ceramic layer thicknesses down to 10 mm. This is two orders of magnitude smaller than for ceramic -metal laminates fabricated using conventional processing (e.g. tape-or slip-casting), but still much coarser than the scale of the mineral plates in nacre (which is sub-micrometre). The ice templating process allows control of the lamellar architecture at multiple length scales, resulting in materials that display strength levels comparable to that of Al 2 O 3 and fracture toughnesses up to 40 MPa p m.
MATERIAL AND METHODS

Processing and sample preparation
Lamellar alumina scaffolds were fabricated in bulk form by freeze-casting (Fukasawa et al. 2001; Araki & Halloran 2004; Deville et al. 2006; Deville 2008; Waschkies et al. 2009 ) a water-based suspension of sub-micrometre alumina powder (solid content 50 wt%). Sucrose (4 wt%) was added to the suspension in order to ensure the formation of fine ceramic lamellae with a characteristic microscopic roughness ). Using controlled directional freezing of the suspension placed on a copper cold finger (figure 1a), large cylindrical porous ceramic scaffolds (50 mm diameter and 50 mm high) were produced with architectures that were templated by the ice crystals (Deville et al. 2006 (Deville et al. , 2007 Munch et al. 2008; ). Directional freezing was first employed to promote the formation of lamellar ice with prescribed dimensions (figure 1b); this then acted as the 'negative' for creation of the layered ceramic scaffolds which were subsequently freeze-dried and sintered (figure 1c). The cooling rates for the cold finger were 1 and 108C min 21 , which resulted in lamellae thicknesses of approximately 25 and 10 mm, respectively. Patterning of the cold finger combined with vibration was used to align the ceramic lamellae over macroscopic dimensions ). This entire process led to the formation of bulk ceramic scaffolds-with a ceramic content of approximately 36 vol%-of several centimetres in size formed by macroscopically oriented dense lamellae (figure 1). More information can be found in .
The porous ceramics were subsequently infiltrated with molten Al -Si eutectic alloy by fitting the scaffold in an alumina crucible with pieces of Al -Si on top. This alloy was here selected for the infiltration because of its lower melting point and viscosity. The low contact angle of Al -Si on alumina of approximately 508 in vacuum (Saiz & Tomsia 1998) facilitates infiltration at relatively low pressures. The assembly was heated to 9008C in a 10
24 Pa vacuum such that the Al alloy melted and wetted the crucible walls sealing the scaffold from the furnace environment. Thereafter, gaseous argon gas was admitted into the furnace up to a pressure of approximately 70 kPa, and the assembly maintained at a temperature for approximately 5 -10 min such that the gas pressure forced the molten alloy into the scaffold porosity. The final composites consisted of fully dense Al -Si-infiltrated Al 2 O 3 scaffold, where the Si forms needle-like precipitates inside the Al phase (figure 2b).
Rectangular beams for bending tests with the tensile faces parallel to the ceramic layers (crack-arrester orientation) were sectioned from the infiltrated scaffolds using a water-cooled, low-speed diamond saw. The final specimens were 20-25 mm long, 1.5-1.7 mm thick (B) and 3.0-3.2 mm wide (W ). Plane-strain fracture toughness, K Ic , and crack resistance-curve (R-curve) measurements were performed on single-edge notched bend, SE(B), specimens. An initial notch was applied with a low-speed diamond saw and was subsequently sharpened by repeatedly sliding a razor blade over the saw-cut notch using a custom-made rig, while continually irrigating with a 1 mm diamond slurry. The final micro-notches had a root radius of approximately 3-5 mm. Sharp cracks with initial crack length a $ 1.6-1.7 mm were generated in general accordance with ASTM standards (E1820-08 2008). The orientation of the notch was such that the nominal crack-growth direction was perpendicular to the ceramic layers.
The damage-tolerance response of these hierarchical materials was also compared with that of the constituent phases-Al 2 O 3 and Al-Si alloy. Dense alumina samples were obtained by slip-casting. The suspensions for slipcasting and freeze-casting used the same starting powders and similar solid contents with identical sintering cycles. Slip-casting was selected to prepare the reference ceramic materials because the ceramic forms through the packing of powders from a liquid suspension, as in freezecasting. The binary Al-12.6 wt%Si eutectic alloy was processed by vacuum arc-melting of ultrasonically cleansed Al and Si elements of high purity (.99.99%).
Alumina SE(B) specimens (24 mm long, 6 mm wide and 2.4 -2.5 mm thick) were fatigue pre-cracked using a half-chevron starter notch in addition to a Vickers hardness indent placed at the notch tip in order to facilitate crack initiation. Prior to R-curve testing, a SE(B) specimen of Al-Si (50 mm long, 10 mm wide and 9.2 mm thick) was fatigue pre-cracked in threepoint bending on a servo-hydraulic mechanical testing machine using a bend fixture. A pre-crack was grown, in accordance with ASTM standards (E1820-08 2008) from a machined notch, of length 0.4W, to a final crack length of 0.5W. Cycling was performed at 25 Hz with a constant load ratio (ratio of minimum to maximum load, R ¼ K min /K max ) of 0.1; the final maximum stress intensity, K max , was 4.4 MPa p m. Prior to testing, all specimens were polished on both faces down to a 1 mm finish using diamond suspensions.
As a basis for comparison, small beams (20 mm long, 2.3 -2.4 mm wide and 1.2 -1.4 mm thick) were prepared from the nacreous layer of a red abalone shell (Haliotus rufescens). Samples were kept immersed in water to keep them hydrated until testing. More information is provided in .
Microstructural characterization
To characterize the nano/microstructure, and in particular the ceramic -metal interfaces, samples were prepared for high-resolution scanning transmission electron microscopy (STEM) imaging and electron energy-loss spectroscopy (EELS) in an aberrationcorrected VG HB 501 microscope (with a field-emission gun at 100 kV). First, 3 mm disc samples were mechanically polished and dimpled down to about 30 mm thickness, after which electron-transparent windows (down to approx. 100 nm thickness) were created by local focused ion beam (FIB) thinning (FEI Strata 235 Dual Beam FIB) of a disc that was cut in half and placed upright with the straight side facing the ion beam. A protective platinum layer was deposited on the surface prior to final thinning with the ion beam.
Mechanical characterization
2.3.1. Strength and K Ic measurements. Three-point bend tests were performed to generate quantitative stress-strain curves and to measure the plane-strain fracture toughness, K Ic . The strength tests were performed on unnotched bend specimens using a support span S of 12.5 mm and a displacement rate of 1 mm s 21 in general accordance with ASTM standards (E1820-08 2008). The toughness measurements were performed on SE(B) specimens, also loaded with S ¼ 12.5 mm. Values were determined by monotonically loading the specimens to failure at a constant displacement rate of 1 mm s
21
. All toughness tests satisfied the plane-strain and smallscale yielding requirements for valid K Ic measurement, as per ASTM standards (E1820-08 2008); all the values presented represent at least an average of three measurements per configuration (N ! 3).
Fracture toughness J -R curve measurements.
In order to capture both intrinsic ( plasticity) and extrinsic (crack-tip shielding) toughening mechanisms acting in these materials, nonlinear-elastic fracture mechanics methods were performed using SE(B) specimens in the crack-arrester orientation. R-curves were measured in ambient air to evaluate the fracture resistance in terms of the J-integral as a function of crack extension, Da, under a monotonically increasing driving force. Tests were conducted in three-point bending with a span (S ¼ 12.5 mm) to width (W $ 3 mm) ratio of approximately 4, in accordance with ASTM standards (E1820-08 2008). The specimens were loaded in displacement control in a servo-hydraulic testing machine with a loading rate of approximately 0.015 mm s 21 until the onset of cracking, which was determined by nonlinearity in the load -displacement curve. To monitor subsequent subcritical crack growth, at this point during the loading, the sample was periodically unloaded (by approx. 10-20% of the peak load) to record the elastic load-line compliance using a linear variable differential transformer (LVDT) mounted on the load frame. After each increment, a measurement of the compliance was made during unloading after the specimens had been held for 30 s to allow the crack extension to stabilize. This process was repeated at regular intervals until the end of the test, at which point the compliance and loading data were analysed to determine J-integral as a function of Da. Crack lengths, a, were calculated from the compliance data obtained during the test using compliance expression of a three-point bend specimen at load line (Haggag & Underwood 1984) : where U is a fitting function, written as
Here C is the sample compliance, and F is a calibration factor, taken to be that which gives the best agreement between the initial compliance and crack length at the beginning of the test. The same procedure was used for the Al -Si specimen.
In addition, R-curves were measured in situ in a scanning electron microscope (SEM) using a Gatan Microtest three-point bending stage. Crack extension was monitored directly in backscattered electron mode at a pressure of 35 Pa and a 30 kV excitation voltage.
For R-curve determination, small-scale bridging conditions were assumed, where the size of the zone of crack bridges behind the crack tip remained small compared with the in-plane test specimen dimensions. As noted above, the use of the J-integral as the driving force for crack initiation and growth was employed to capture the contribution from inelastic deformation in the evaluation of toughness. The stress intensity at each measured crack length was calculated by measuring the nonlinear strain-energy release rate, J. The value of J was calculated from the applied load and instantaneous crack length according to ASTM standards (E1820-08 2008), and was decomposed into its elastic and plastic contributions:
ð2:3Þ
The elastic contribution J el is based on linear-elastic fracture mechanics:
where K I is the mode I stress-intensity factor, and with
) in plane strain (n is Poisson's ratio and E is Young's modulus). Using the load-line displacements, the plastic component J pl for a stationary crack in bending is given by
where A pl is the plastic area under force versus displacement curve and b the uncracked ligament length (W 2 a). Equivalent K-based fracture toughness values were also estimated from the J measurements using the standard J -K equivalence for nominal mode I fracture, specifically that
. These calculations require knowledge of the Young's modulus E. The structure of the lamellar hybrid composites is clearly directional; properties are orthotropic, with values of E lying between the upper and lower bound of the 'rule of mixtures', as defined by the Voigt and Reuss models, respectively. Measurements using three-point bend tests showed that the elastic modulus values fell approximately at the midpoint between these upper and lower bounds. Using E values for Al -Si of 79 GPa and for Al 2 O 3 of 300 GPa, the elastic modulus for the lamellar hybrid structures at 36 vol% ceramic content was calculated to be 133 GPa in the direction perpendicular to the ceramic layers. These values were confirmed experimentally by contact ultrasonic measurements using a pulse-echo overlap technique with MHz shear and longitudinal piezoelectric transducers, and a pulser/receiver to measure the shear and longitudinal wave speeds at room temperature. Note that a relatively small error in the value of E would have a limited impact on the computed K J toughness; specifically, a +20 per cent error in E results in a +10 per cent error in K J .
RESULTS
Microstructure
The controlled directional freezing of water-based ceramic suspensions combined with liquid metal infiltration was used to create laminated metal -ceramic hybrid materials with ceramic layers of homogeneous thickness running continuously from the bottom to the top of the sample ( figure 2a) . A key aspect of the process is to align the layers over macroscopic dimensions rather than in randomly oriented microscopic domains Ziegler et al. 2009 ). This was achieved here by patterning the cold finger together with applying vibration during freezing. In this way ceramic lamellae with grain sizes of the order of 1 mm were fully aligned on centimetre-sized samples.
A key characteristic of the freeze-casting process is the ability to manipulate the material structure at multiple dimensions. It has been shown that the roughness of the nacre tablets and the mineral bridges between them play a critical role in controlling shear at the organic-inorganic interface during loading as the sliding of adjacent tiles requires the breaking of bridges and together with the roughness they provide additional frictional resistance Meyers et al. 2008b; Espinosa et al. 2009 ). Different additives can be used to control the microstructure of the ice crystals in the suspensions that will translate into characteristic roughness for the ceramic lamellae. The additives modify the interfacial tensions, the degree of supercooling ahead of the ice front and the viscosity and the phase diagram of the solvent, promoting, for example, the formation of fugitive phases that are eliminated during sintering. They also affect interparticle interactions that in turn determine the formation of bridges through particle trapping by the growing ice front. In the present study, the use of sucrose resulted in the formation of microscopic roughness (figure 1c) characterized by relatively smooth dendritic-like features, 1 -5 mm high, running in the direction of solidification in one of the lamellae sides (Deville et al. 2007; Munch et al. 2009 ) and the formation of thin ( 1 mm) ceramic bridges (figure 1a) after sintering.
The microstructural wavelength, l, and the ceramic lamellae thickness, d (figure 2b) are primarily a function of the ice-front velocity and to a lesser extent the ceramic particle size (Deville et al. 2007; Deville 2008 ). As our objective was to mimic the nacre structure and fabricate samples with larger ceramic contents, the solid content of the suspensions was maximized to the order of 50 wt% (approx. 20 vol%). The porosity of the resulting scaffolds after sintering was (Deville et al. 2007 ). However, these finer scaffolds could not be infiltrated under the present conditions. Although the contact angle of Al -Si alloys on alumina is relatively low (approx. 508), several factors impede spontaneous infiltration; these include the roughness of the lamellae (Trumble 1998) and the presence of an oxide layer on the metal surface. Consequently, an additional pressure, which is inversely proportional to the pore size (Garcia-Cordovilla et al. 1999) , is required to break the oxide layer and promote infiltration. At present, our experimental set-up cannot reach the pressures needed to infiltrate the finer microstructures. Furthermore, it is apparent from high-resolution STEM (figure 3) that a calcium-rich layer forms at the Al 2 O 3 /Al -Si interface, as well as on the Al 2 O 3 grain boundaries. Segregation of calcium at aluminiumalumina interfaces has been previously observed (Kaplan et al. 1995; Kaplan 1998) . Calcium is a common impurity in many commercial powders and it is known to cause exaggerated grain growth during sintering of Al 2 O 3 , and may affect infiltration.
Strength and fracture toughness
Bending stress-strain curves for the Al 2 O 3 /Al-Si hybrid composites, namely the 10/20 and 25/50 (numbers corresponding to the Al 2 O 3 and Al-Si lamellae thicknesses in micrometres, respectively), indicated that decreasing the thickness of the ceramic has a minimal effect on the flexural (ultimate) strengths, as the latter are comparable to that of pure Al 2 O 3 , with average values of 328 + 11 MPa and 352 + 3 MPa for the 10/20 and 25/50 composites, respectively (figure 4b). By comparison, the flexural strengths of pure Al 2 O 3 and Al-Si were found to be 325 + 20 MPa and 302 + 10 MPa. However, the main distinction is that the coarser structure shows approximately 1 per cent inelastic deformation prior to failure, while plasticity is suppressed in the finer composite that does not exhibit macroscopic plastic deformation prior to failure (figure 4a).
Values of the fracture toughness for crack initiation, K Ic , were 8.3 + 0.3 MPa p m and 7.2 + 0.3 MPa p m for the 10/20 and 25/50 composites, respectively (figure 4b). Refinement of the lamellae size slightly improved the K Ic of lamellar structures, which is consistent with our investigations on organic-inorganic hybrid composites ; it implies that flaws in the material control the initiation toughness, with the thicker lamellae representing a larger statistical sampling volume with a higher probability of finding a large flaw.
Full K R (Da) resistance curves of the composites are shown in figure 4c and are expressed in terms of the equivalent stress intensity, K J , as a function of crack extension, Da. The hybrid composites both display R-curve behaviour which demonstrates that these materials derive most of their resistance to fracture during crack growth, and not during crack initiation. This is no surprise as the extrinsic crack-tip shielding mechanisms, which include crack bridging via ductile reinforcements, primarily act behind the crack tip and locally screen the crack from the applied (far-field) driving force (Ritchie 1988; Sigl et al. 1988; Evans 1990 ). The additional energy required to fracture the bridging ligaments is typically exhibited in the form of resistance-curve (R-curve) behaviour, where the crackgrowth toughness increases with crack extension, commensurate with the development of a bridging zone in the crack wake ( figure 5a,b) . In fact, R-curve behaviour has been widely reported in other laminated metalceramic systems (Shaw et al. 1993; Rao et al. 1994; Soboyejo et al. 1996; Bloyer et al. 1998; Hwu & Derby 1999b; Rohatgi et al. 2003; Mekky & Nicholson 2006 ) after 1 mm of crack extension (figure 4c). This leads to toughness values that are above the rule of mixtures of the components (figure 4d). However, the refined structure (10/20) shows significantly less stable growth before critical fracture, and a maximum toughness K Jc of 22 MPa p m (J c approx. 3 kJ m
22
) after approximately 500 mm of crack extension. The lower toughness can be explained here by the 'loss' of ductility, as seen in figure 4a .
The fact that the R-curves reach a steady-state plateau (figure 4c) is an indicator that the small-scale bridging (SSB) conditions prevailed. The bridging phenomenon can be divided into SSB and large-scale bridging (LSB) depending upon whether the size of the bridging zone is, respectively, small or comparable to the crack length and in-plane specimen dimensions. SSB ensures that the critical toughness, K Jc , is independent of crack length and specimen geometry. According to active ASTM standards (E1820-08 2008), the measurement capacity of a given sample is limited by its maximum J-integral capacity, J max , and its maximum crack extension capacity, Da max . J max is given by the smaller of bs y /10 or Bs y /10; similarly, Da max is given by 0.25b. The R-curve is therefore defined as the data in a region bounded by these J max and Da max limits ); therefore, the maximum measurement capacity of the specimens are J max ¼ 45 kJ m
(with b, B ¼ 1.5 mm) and Da max ¼ 0.375 mm (with b ¼ 1.5 mm). The ASTM standards provide a somewhat arbitrary conservative limit. However, a critical toughness, J c , can be defined here before the measurement becomes geometry-dependent owing to LSB. This criterion yields J-integral values that are slightly above the maximum crack extension, Da max , but have a clear physical meaning. Most importantly, the conditions for J-dominance were met in all the tests such that b, B ) 10 (J c /s y ). This latter criterion ensures that the J-integral (and subsequently K) values represent valid fracture toughness values.
Crack-growth observations
The salient sources of toughening in the ceramic -metal hybrid composites were identified by performing additional fracture toughness tests in situ in the SEM. This technique provides the opportunity to measure quantitatively the R-curve, while simultaneously monitoring the evolution of damage mechanisms ahead of the growing crack and toughening mechanisms that result in the wake; furthermore, how these mechanisms relate to the composite architecture can be imaged in real time (figures 5 and 6). In the coarser composite, multiple cracks formed within the Al 2 O 3 layers after initial renucleation from the pre-crack (figure 5a). In fact, lateral spreading of multiple cracks within the same brittle layer occurred in preference to forward progression of the main crack. In contrast, fracture in the finer-scale 10/20 laminate can be characterized as single (dominant) fracture, where the crack propagates by renucleation in successive ceramic layers following an approximately co-planar path (figure 5b). The 'multiple cracking' fracture mode occurring in the 25/50 composite, with its greater distribution of damage over millimetre scales (figure 5a) and higher energy absorption, leads to significantly higher toughness (figure 4c). As discussed in the next section, the Biomimetic approach to composite design M. E. Launey et al. 747 transition from multiple to single dominant cracking is controlled by the flow properties, the scale of the microstructure and the properties of the ceramic -metal interface (Deve et al. 1990; Deve & Maloney 1991; Shaw et al. 1993) . Observation of the fracture surfaces (figure 4c,d ) indicated that no interfacial debonding occurred in any of the composites, during either crack renucleation or subsequent fracture, despite extensive plastic stretching of the metal layers (figure 6c); this implies strong bonding between Al 2 O 3 and Al -Si. Ductile ligaments bridge the advancing crack (figure 6a), and stretch (figure 6c) as the crack opens until they fracture or decohere; such plastic stretching contributes to the overall toughness. In addition, significant crack blunting is observed (figure 6a) which occurs when the crack encounters a ruptured region and is consequently blunted; further crackgrowth requires renucleation, i.e. a significant amount of energy absorption, resulting in an increase in toughness.
DISCUSSION
The in situ analysis of crack growth clearly shows how control of the structural architecture at several length scales permits the generation of multiple toughening mechanisms operating over a large range of dimensions. Toughening in materials is broadly divided into two categories-intrinsic and extrinsic (Ritchie 1988) . Intrinsic toughening mechanisms increase the inherent microstructural resistance to crack initiation and growth, as exemplified by the role of plasticity ahead of the crack tip in metals. Conversely, extrinsic toughening involves deformation and microstructural mechanisms that act primarily behind the crack tip to inhibit crack growth by effectively reducing ('shielding') the crack-driving force actually experienced at the crack tip. The toughening mechanisms identified in our Al 2 O 3 /Al -Si hybrid composites are primarily of the extrinsic type, as in most brittle-matrix laminates (Lesuer et al. 1996) . The most prominent toughening mechanism here is ductile-ligament bridging (figure 6a), where unbroken ductile ligaments span the wake of the crack (Sigl et al. 1988) . Further crack growth requires stretching of the bridging ligaments (figure 6c) which must have sufficient ductility to avoid fracture at or ahead of the crack tip. Stretching is further impeded by the controlled lamellae roughness and the presence of ceramic bridges (figures 1c and 2a). These mechanisms result in the typical R-curve behaviour and are dependent upon the volume fraction of the ductile phase (Evans 1990) . Crack blunting in Al -Si was also identified as an important toughening mechanism that acts to lower crack-tip stresses; in fact, it has been observed that an increase in layer thickness results in an increased degree of blunting, which is consistent with previous observations (Kruzic et al. 2004) . Most importantly, the resulting fracture toughness of our composites was highly dependent on the crackpropagation mode. Damage develops either as a dominant (single) crack, or as periodic (multiple) cracks, depending on the layer thickness ( figure 5a,b) . As in nacre, multiple cracking is more desirable as it leads to superior toughness ( figure 6b,d ). The transition from single to multiple cracking is controlled by the flow properties of the metal, the scale of the microstructure and the properties of the metal -ceramic interface (Deve et al. 1990; Deve & Maloney 1991; Shaw et al. 1993) . Specifically, it has been suggested that this transition is a function of the ratio of the metal layer thickness, t m , to the ceramic layer thickness, t c . For a given combination of metal and ceramic, there is a critical thickness ratio (t m /t c ) crit , above which multiple cracking prevails. This critical thickness ratio decreases with the effective (constrained) metal yield stress, s m , as a fraction of ceramic strength, s c , and with decreasing metal -ceramic elastic modulus ratio, E m /E c (Shaw et al. 1993; Huang et al. 1994; Huang & Zhang 1995; Shaw et al. 1996) . Single fracture occurs if the maximum stress in the ceramic layer ahead of the initial crack, s max , exceeds the ceramic fracture strength, s c , before the stress in the ceramic layers in the wake, s o , exceeds this level (Huang & Zhang 1995) (Huang & Zhang 1995) , which is based on nonlinear-elastic fracture mechanics and fibre bridging, predicts that multiple cracking is ensured if the metal layer thickness is 2.5 times larger than the ceramic layer thickness, regardless of the ceramic -metal properties. In our hybrid composites, t m /t c , 2.5 (approx. 2) implying that the cracking mode becomes dependent on the constrained metal yield stress, s m . The effect of metal plasticity was in fact found to be important, especially when low yield strength metals, such as aluminium, are used in the laminate (Hwu & Derby 1999a) . Additional constraint of the plastic zone may occur when plasticity extends across the thickness of the metal layer, impinging on the ceramic. Constraint through the ceramic layer is significantly affected by the metal layer thickness; in fact, theoretical studies have shown that the plastic-zone size, crack-tip opening displacement (CTOD) and the stress state near a crack tip are all affected by variations Biomimetic approach to composite design M. E. Launey et al. 749 in the layer thickness (Varias et al. 1991) . In accordance with previously studied Al 2 O 3 /Al laminates, it appears that, as the layer thickness of metal increases, the stresses in the crack wake increase, whereas the stresses in the intact layer ahead of the crack tip decrease (Shaw et al. 1993) . This trend leads to a transition in cracking mechanism with increasing layer thickness of metal, whenever the metal layers have sufficiently high yield strength. Specifically, for lowest metal layer thickness, mode I extension of a primary crack takes place, whereas for the coarser laminates, periodic multiple cracking occurs. Crack deflection via layer delamination is a very effective toughening mechanism in ceramic -metal composites although it may compromise strength (Evans 1990 ). However, higher toughness is achieved by extensive debonding when the reinforcement exhibits high work hardening. Conversely, debonding is not beneficial when the reinforcement exhibits low intrinsic ductility owing to an absence of work hardening (Deve et al. 1990) . The use of interfacial segregants on metaloxide interfaces (Hong et al. 1995; Gaudette et al. 1997; Saiz et al. 2000) , or inert oxide coatings emplaced between the reinforcement and the matrix (Deve & Maloney 1991) can induce extensive debonding, leading to enhanced values of the toughness. However, aluminium -alumina interfaces formed in the liquid state are usually stronger than those formed in the solid state (Saiz et al. 2003) and no such delamination was observed in our composites (figure 5c).
In any event, it is clear that the fracture toughness of the hybrid composite is dictated by the relatively thick (soft) metallic phase which plays a structural, loadbearing role. The notion of mimicking natural structures in ceramic -metal composites relies primarily on: (i) a segmented layered structure with an optimal ceramic volume fraction (Mayer 2006; Espinosa et al. 2009 ) and (ii) a thin resilient and extensible metallic (nominally non-load-bearing) phase that can act as a 'lubricant phase' (Munch et al. 2008; ) to control the degree of sliding between ceramic layers. This controlled sliding provides a very effective source of energy dissipation leading to significant toughening. The concept of the 'lubricant phase' has been proven to be very effective in natural composites such as nacre and has been successfully translated to synthetic organic -inorganic composites (Munch et al. 2008) . However, this does not guarantee that a thin (submicrometre) metallic layer can play the lubricant role needed to recreate this effect in a metal -ceramic structure. A decrease in the metal layer thickness results in higher strength owing to the Orowan-type dislocation strengthening effect (Embury & Hirth 1994) , but can also generate brittleness and often poor fracture toughness owing to the increased constraint. This has been clearly observed when the metallic layer thickness is reduced to micrometre size-scale (Was & Foecke 1996; Bloyer et al. 1998; Li & Soboyejo 2000) . The key question is what will happen when the thickness of the metallic layer is reduced down to the nanoscale. The recent development of nanoscale Cu/Nb-layered composites with extremely fine layer thicknesses down to a few nanometres exhibiting high flow strength of 2.4 GPa and ductility in excess of 25 per cent is very encouraging in this regard and underlines the need for more research in this area (Mara et al. 2007 (Mara et al. , 2008 .
CONCLUSIONS
Using the inspiration of natural materials, we have developed a suite of ceramic -metal hybrid materials with excellent combinations of strength and toughness. We have shown that the concept of ice-templating can be used to process inexpensive laminated ceramic scaffolds with a refined structure over large-scale dimensions. The processing of such ceramic scaffolds infiltrated with higher melting-point metals allows the development of lightweight, strong and tough ceramic-based materials that can operate at elevated temperatures. This has been achieved through careful manipulation of structural architectures to replicate many of the features underlying the unique properties of nacre, in particular its characteristic R-curve behaviour which derives from a confluence of toughening mechanisms over multiple length scales. In particular, in this work lamellar Al 2 O 3 /Al-Si composites with a 36 vol% ceramic content were processed, and found to display strengths of approximately 300 MPa and fracture toughness values that exceed 40 MPa p m. However, we have also shown that a refinement of the microstructure leads to a brittle behaviour owing to a transition from a high-toughness 'multiple cracking' fracture mode to a low-toughness 'single cracking' mode. We propose that this approach, using the natural design concept of a hard ceramic phase with optimal volume fraction providing for material strength, separated by a softer 'lubricant' phase to relieve high stresses in order to enhance toughness, can be successfully used to further develop new structural materials with unprecedented damage-tolerance properties.
